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The influence of molecular weight on
the fracture of thermoplastic glassy
polymers

P.PRENTICE*
Department of Mechanical Engineering, Imperial College of Science and Technology,
London SW7 2BX, UK

Experimental evidence is presented in support of a previously proposed relationship
between the fracture energy of glassy polymers and the square of the molecular weight.
The critical energy release per unit area of crack, G, has been found to fit the curve of
the equation G, = Ax(M —M,)* + (1 —x) B, where x = 1 for molecular weights below
some critical value M, and x tends to zero for M > M_, and it is suggested that x is some
measure of the extent of chain ““pull-out’’ during fracture. This implies that for ¥ > M,

chain scission becomes increasingly dominant. A linear correlation is also predicted
between the critical crack opening displacement (COD) and the molecular weight

below M.

1. Introduction

The early work of Berry [1, 2] highlighted the fact
that in polymeric materials, the measured fracture
surface energy is very much higher than that
obtained from the calculation of the energy neces-
sary to break all molecular chains crossing unit
area of a plane perpendicular to an applied stress.
The increase has been attributed to a local ductile
response of the material under the influence of the
high stresses at the crack tip.

In their unstressed state, isotropic glassy poly-
mers have been shown to consist of separate chain-
like entities in the form of random coils [3]. In
this configuration, scission of a chain due to the
application of an external stress is not possible.
Before scission can occur, regions of the chain
must first be extended to their ultimate elonga-
tion. An additional requirement for chain scission in
this way is that the ends of the elongated segment
are securely held, otherwise the whole chain will
be expected to slip.

It is now generally accepted that the strength
of glassy polymers is related to the long-range
interconnectiveness of entanglement points [4, 5].
The nature of the entanglements is not well under-

stood, although, in a previous paper [6], it was
argued that a popularly held view of an entangle-
ment acting like a knot is unlikely because of the
inflexibility of the chains imposed by substituents
on the main chain and the small aspect ratio of the
chain segment in the vicinity of the entanglement
point. A model was proposed in which the motion
of the chains is restricted by the proximity of their
neighbours, effectively preventing any lateral
movement. Movement in the axial direction of the
chain is also inhibited by the presence of polar
side-groups on the chain which interact with those
on other molecules.

It was proposed, using a model for the removal
of a polymer chain through an imaginary “tube”,
that below some critical molecular weight (M) the
fracture energy was proportional to the square of
the molecular weight. Above M., the fracture
energy became independent of the molecular
weight. The object of the present work is to
advance experimental evidence in support of this
proposal.

2. The entanglement concept
It is now widely accepted that the rigidity of
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Figure 1 Idealized model of a chain in a three-dimen-
sional network, depicting the “tube” created by the pres-
ence of neighbouring chains,

amorphous glassy polymers at ambient tempera-
tures is related to the degree of entanglement of
the polymer chains of which they are composed.
The mobility of the chains is severely restricted
by the presence of these entanglements since, in
moving, one molecule may not cross the contour
of another [7]. Longitudinal motion is also inhib-
ited by the interaction of substituents on neigh-
bouring chains, producing potential barriers to
chain mobility. These potential barriers are assumed
to occur at regular intervals along the chain [8].
In the case of polymethylmethacrylate (PMMA),
for example, the high electron density of the ester
side-groups contributes to the immobility. So, the
‘presence of entanglements effectively prevents any
lateral motion of the chains and any movement is
restricted to a direction governed by an imaginary
tube formed around a chain by the proximity of
its neighbours (see Fig. 1).
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Figure 2 Schematic representation of the “puli-out”

process in the formation of new surfaces during crazing.

3. Crack propagation

It is well established that in PMMA, as in other
glassy polymers, the propagating crack is preceded
by a craze which opens without weakening [9] by
a mechanism in which material is drawn into it
from the newly formed surface. A review by Kin-
loch [10] and the extensive contributions of
Donald and Kramer (see for example [11-13])
describe the current understanding of the micro-
mechanisms of crack extension in polymers. The
drawing process may be modelled as in Fig. 2;
the polymer chains in an unstressed isotropic
sample are embedded in both sides of the plane of
a propagating crack. As the crack opens, one
portion of the chain will be removed from the
bulk of the specimen into the region between the
new surfaces. It is only necessary for this to hap-
pen on one side of the plane, that containing the
shorter length of chain.

Usually, at temperatures below the glass trans-
ition temperature (T,), chain mobility is effect-
ively prevented by the high entanglement density
and restricted rotation about the main chain
bonds. In order that viscoelastic deformation may
occur and enable polymer chains to be drawn into
the craze, it may be necessary to propose a situa-
tion in which chain mobility is enhanced. One
theory put forward by Gent and Thomas {14,
15] proposed that devitrification of a small
amount of material at the tip of a crack takes



place under the influence of a dilatant stress; this
devitrification would allow the drawing process
to occur.

However, a more likely explanation is that the
high stresses prevailing at the crack tip during
failure are sufficient to overcome the resistance to
rotation about the main chain bonds and so give
rise to a ductile failure mechanism for the material
in this region [16], thus enabling a drawing process
to take place.

4. Removal of chains into the craze layer
The motion of a polymer chain in a polymer melt
or concentrated solution has been described by the
concept of reptation [17, 18], in which the chain
is proposed to move along an imaginary tube in a
wornt-like manner. Similarly, the removal of poly-
mer chains during fracture may be modelled using
a tube concept.

Based on a simple power-law viscous model, as
shown schematically in Fig. 3, the shear stress (7)
experienced by the chain in its tube will be pro-
portional to the apparent strain rate, ¥,, i.e.

7 = u(v)" (1)

where u is a coefficient of viscosity resulting from
the interaction of the substituents on neighbouring
chains, and # is the power-law index; but:

(2

where f is the force acting on the end of the chain
in the tube direction, and 4 is the effective surface
area of the chain:

A = 2mrl (3)

r being the radius of the chain, and /is the contour
length of the tube remaining occupied.
The apparent strain rate may be defined by:

Ya = 5 4)

where A is the spatial gap between the chain and
the surface of its imaginary tube, and v is the rate
of removal of the chain.

Combining Equations 1 to 4, we obtain:

[ = u2frr<%)nl

that is, at constant v, the force acting on the chain
in the tube direction is proportional to the length
of the tube remaining occupied. The energy

)

\f

Figure 3 Schematic representation of the mechanism of
chain removal.

required to remove one chain from its tube:

=L
ro =[, . ral (©)

where L is the total length of the tube vacated, i.e.
T Zj =t u2ﬂr(L)nldl
I=o h
so that at constant v:
»\n
Iy = umr (;) L?
The work done per unit area of plane will then be:

I' = Iya 9)

where @ is the number of segments crossing unit
area of plane and, in this analysis is assumed to be
a function of the molecular cross-sectional area
only [19].

(7

(8)
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The problems presented by the possibility of
multiple crossings of chains through the fracture
plane are ignored in the current work. This is
because the molecular weights of interest are low,
combined with the assumption that polymer
chains such as PMMA, having two bulky side
groups per repeat unit, are reasonably rigid and
unlikely to fold back on themselves to any great
degree. Hence combining Equation 8 and 9:

I =unra l’_an

This means that at a constant crack opening veloc-
ity, v, the work done in removing chains from a
plane of unit area is proportional to the square of
the molecular weight, since the length of a poly-
mer chain and its associated tube is directly pro-
portional to its molecular weight, i.e.

T o M?

(10)

(11)
The bonds in a fully extended segment may only
withstand a finite stress before failing by homo-
lytic scission and a consequence of Equation 5 is
that at a constant crack opening velocity, a critical
value of the force (f,) will be reached at some
critical chain length (I,). Below this critical length,
the chains will fail by a pull-out mechanism and
the fracture energy will be determined by Equa-
tion 10. However, above /,, the force necessary to
initiate a puli-out mechanism will be greater than
that which the individual links in the chain are
able to withstand. In this case, scission becomes
the sole mechanism for chain failure, and the frac-
ture energy is expected to be independent of the
molecular weight.

5. Fracture mechanics

Linear elastic fracture mechanics (LEFM) has been
used extensively with polymeric materials and has
been found to satisfactorily describe the brittle
failure of PMMA [20], since the strain at failure
is small and still within the elastic limit of the
material.

The basic equation used relates the stress inten-
sity factor, K, to the applied stress, 0, on a large
plate containing a central flaw of length 2¢. The
theory predicts that failure will occur when:

(12)

where K, is the critical stress intensity factor, or
the fracture toughness. A value of y?, a geometry

o*nc = K2
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function, may be substituted for 7 when different
geometries are employed.

If artificial flaws of length ¢ are introduced into
one edge of a series of test specimens, a plot of
02y? against 1/c results in a straight line with a
slope of K2. For linear elasticity, K, is related to
G, (the critical energy released per unit of crack
growth) by [20]:

K2 = E*G, (13)

where £* is the modulus, which is equal to Young’s
modulus, E, for plane stress and £/(1 — »?) in
plane strain, where v is Poissons’s ratio. (The error
introduced by neglecting the correction factor for
plane strain is small, so in the current work is
ignored.)

As defined by Equation 10, I' is the fracture
energy per unit area of plane and, as such, is equi-
valent to G, so that:

r =G, (14)
The fracture stress used in Equation 12 was cal-
culated from {21]:

_ 3PS 5
77 2ba? (15)
where ¢ is the fracture stress in the outer fibres at
the midspan of a specimen tested in three-point
bending; P is the load at fracture, S is the support
span length, b is the beam width, and d is the
beam depth. Similarly, the modulus was found
from [21]:

S3m
= — 16

4bd? (16)
where m is the slope of the tangent to the straight-
line portion of the load—deflection curve.

6. Material and specimen preparation

The material used in this study was an ICI Perspex
grade of PMMA supplied in 6 mm thick sheet form.
All specimens were machined from a single
24m x 1.2m sheet to the dimensions shown in
Fig. 4. A total of 112 specimens were made and
separated into 14 sets of 8 specimens. Into each
specimen of the set, a single notch, ranging in
length from 1.5 to 11.5 mm, was introduced using
a fly cutter with a tip radius of 12 um. Each com-
plete set was exposed to y-radiation from a Cobalt-
60 source, having a nominal dose rate of 0.7 Mrad
h™!, for different lengths of time, as in Table I.
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7. Molecular weight

Since PMMA is unusual in that it is degraded by
v-radiation without appreciable crosslinking [22],
it .is possible to calculate the number average
molecular weight, M, , from a known value before
irradiation using the following equation {23]:

1 RXG
.1 +( X ’°)10‘5 (17)
M, M,0) \ 96

where R is the total dose in Mrad, G is the num-
ber of chain scissions per 100eV of absorbed
energy (G for PMMA = 1.7) [23], and M, (0) is
the initial molecular weight.

In the present work, however, it was decided
not to rely on the calculated values of M,,, but to
measure the molecular weight of each set independ-
ently using gel permeation chromatography (GPC).
This was performed by the Polymer Supply and
Characterisation Centre at the Rubber and Plastics
Research Association, using tetrahydrofuran as the
eluting solvent at 35° C. Independent verification of
the molecular weight has the added advantage of
yielding molecular weight averages other than the
number average.

The nature of the polymerization process
results in the fact that chains of varying length are
produced and that the molecular weight measured
by all techniques is actually an average value.
Apart from the number average, three other quan-
tities are commonly quoted: the weight average,
M, , the so-called z-average, M,, and the viscosity
average M,. The different values are defined as

Figure 4 Three-point bend test specimen dimensions.  follows:

TABLE I

Sample Irradiation M, M, M, M, K, G,* E
set time (h) (X107%) (X107%) (MNm~¥2) (Jm™?) (GNm™?)
A 0.0 0.35 4.36 12.4 1.79 1068 3.07
B 0.5 - - — 1.84 1128 2.88
C 1.0 0.24 1.30 5.4 1.90 1203 3.00
D 2.0 - — - 1.89 1190 3.07
E 4.0 0.095 0.42 4.4 1.88 1178 2.95
F 8.0 0.065 0.26 4.0 1.84 1128 3.07
G 10.15 0.060 0.22 3.7 1.72 986 -
H 12.58 0.051 0.18 3.5 1.39 644 —
I 16.0 0.036 0.14 3.9 1.35 607 3.07
I 20.0 0.035 0.12 3.4 1.01 340 -
K 21.8 0.032 0.11 3.4 0.89 246 —
L 32.0 0.018 0.064 3.5 0.53 94 3.00
M 32.58 0.023 0.067 2.9 0.43 62 —
N 44.12 0.017 0.054 3.1 0.38 48 -

*In the calculation of G, the modulus, E, is assumed to be constant at 3.0 GNm™>.

1449



fracture

P it
(s) d/ (m)
_ v
i
g Y
% ‘ +
Pl P
(a) | s |

Figure 5

znM;

M, = 18
s, (18a)
M. = M (18b
w EniM,- )
I M}
M, = ——t i 8
2 T SuM? (18¢)
_ TnM\ e
M, = |28
(ZniM,-) (18d)

where n; is the number of molecules of molecular
weight, M;, ~ denotes summation over all { molec-
ular weights, and the exponent « usually lies
between 0.5 and 0.8 and is determined independ-
ently for each particular polymer/solvent com-
bination.

In a monodispersed sample, that is one in
which all chains have the same molecular weight,
the molecular weight averages are necessarily all
equal. However, in a sample having a broader dis-
tribution of chain molecular weights, M, < M, <
M, < M,, with M, being biased in favour of the
higher molecular weight species.

In previous papers [6, 24], it has been suggested
that the higher molecular weight elements of the
distribution may have a disproportionately greater
influence on the toughness than those of a lower
molecular weight. This seems reasonable in view of
the proposed M? relationship of the fracture
energy. For the above reasons, it was decided to
use M, as the measure of molecular weight of the
samples.
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(a) Loading in three-point bend. (b) The inset shows a typical load—deflection curve.

8. Experimental determination of G,

The load at fracture for each corresponding notch
length was determined at a constant crosshead
speed of 1.2Smmmin™! on an Instron testing
machine in a three-point bend deformation mode,
as in Fig.5. The exact initial crack length was
measured on the broken surface of the specimen
using a travelling microscope. The modulus at each
molecular weight was determined, again in three-
point bending, by analysis of the load deflection
curve of an unnotched specimen.

The geometry function, y, was calculated for
a span-to-depth ratio, S/d=4 using a fourth
degree polynomial [25] of the form:

— 193 -307(% )+ 1as3(4) (9
y = 1. 07(~ 531~

c\? eV
—_ —_ + R pu—
25.Il(d) 258(d)

The values of g?y? were plotted against 1/c for
each set of specimens and K, was calculated from
the slope of the curve. G, was subsequently cal-
culated using the measured values of XK, and E
according to Equation 13.

9. Results and discussion
Fig. 6 shows a typical plot of 62y? against 1/c and
it can be seen that the curve is essentially linear.
Table I contains the results of K, and G,
obtained for each set of specimens. The measured
modulus was found to be reasonably constant over
the whole range of molecular weights, having a
value of approximately 3.0 GN m~2, This value was
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Figure 6  Typical plot of o 2y? against 1/c for the deter-

mination of K (Set C).

used along with K, in Equation 13 to obtain G,. It
is worthy of note that the results obtained for G,
in three-point bending in the present study, appear
to be at variance with those obtained by other
workers [22]. One plausible explanation for this
apparent discrepancy is that the data in the Kusy
and Katz [22] study, obtained at low fracture rates

by means of cleavage bar experiments, reflects the
fracture toughness at the point of crack initiation
(ie. Ko= 0.77MNm™% at M > M, assuming 2
modulus of 3GNm™). Whereas the data pres-
ented here are a measure of the toughness at
instability (K, = 1.8MNm™2 at M>M,). (See,
for example, Marshall et al. [26].)

Fig. 7 is a plot of G, against moiecular weight
and it can be seen that the experimentally deter-
mined values fit a curve of the form:

G, = Ax(M —My)* +(1 —x)B  (20)

for the two extremes of x = 1 and x = 0 using the
values of the constants 4 = 2.5 x 1078 Jm™ and
B = 1150Jm™. M, in this equation is the critical
molecular weight for entanglement which is intro-
duced to account for the fact that below this value
the fracture parameters tend to zero.

M, = 2M# (21)

where M is the molecular weight between entan-
glement points. A value for M, of 2.2 x 10* found
by Gent and Thomas [15] for the zero strength
molecular weight is used in this instance.

One implication of this agreement is that the
parameter x is some measure of the extent of
chain pull-out and that above a critical value of
M, it reduces to zero. Whilst it is possibly true to
say that below M, all chains fail by a pull-out
mechanism, the situation above M_ is probably
more complex because of the location of the plane
of fracture relative to the centre of the individual
molecules and the polydispersity of the sample.
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The critical energy release, G, as a function of molecular weight, Mz. Experimental points are superimposed

on the curve Go=Ax(M —Mp)> + (1 —x)B, A =25 X10"°Im™, B=1150Tm™? and M, =2.2 X 10%.
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Because of the nature of the proposed model, not
all chains of the same molecular weight will be
embedded to the same extent on either side of the
fracture plane; only those minimally crossing the
plane would be expected to fail by a pull-out
mechanism. Similarly, the shorter chains of the
distribution would also disentangle in this manner.
These proposals go a long way in explaining the
fact that the measured fracture energy for the
higher molecular weight samples is still very much
higher than that which would be obtained by cal-
culating the energy necessary to break all chains
crossing a plane of unit area. This implies that even
in these high molecular weight samples, there is a
substantial amount of chain slippage during
fracture.

Comparison of Figs.8 and 9 demonstrates
the influence of the chosen molecular weight
averaging equation. A plot of log G, against log
M,, gives a slope of 2.45, whereas log G, plotted as
a function of log M, results in a slope of 2.12.

It has been mentioned previously [6, 27] that
the fully extended length of a PMMA chain of
the experimentally determined critical molecular
weight, which in the present case is about 2 x 10,
is smaller than the measured value of the critical
crack opening displacement (COD). However, it
must be remembered that we are considering an
average molecular weight and that a significant
portion of the chains at the higher end of the mol-
ecular weight distribution will have lengths greater
than the COD. At lower average molecular
weights, there will be fewer of these longer chains
so that the COD may also be expected to vary
with molecular weight.
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The COD, 6., has been shown to be a useful
parameter for polymers and may be defined by the
equation [20]:

9!

I

5, = —* (22)
oc
where o, is the craze stress.

From Equation 5, the force acting on the
chains during the drawing stage in the formation
of new surfaces, and hence the craze stress, is pro-
portional to the length of the chains, and conse-
quently to the molecular weight. This relationship
has been found to hold reasonably well experi-
mentally by Pitman and Ward [24] for polycar-
bonate (see Fig. 10). It has also been shown in the
present work that G, < M,. Combining these two
molecular weight relationships in Equation 2, it
follows that:

e M (23)

The only data so far available for PMMA in which
8, has been measured as a function of molecular
weight are reported by Weidmann and Déll [28].
The values determined for the maximum thickness
of the craze in their work are reproduced in
Fig. 11 and, accepting the limited number of data
points, there does seem to be a relationship of the
form predicted below M. Above the critical mol-
ecular weight, the values of 8, appear to be con-
stant at about 2.7 um. It is worthy of note that
the value obtained for the critical molecular
weight in the work of Weidmann and Doll was
again in the region of 2 x 10°. Additionally,
extrapolation of the results for M <M, gives a
value for the molecular weight at §, = O of about
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Figure 10 Craze stress against weight average molecular
weight. Reproduced from Pitman and Ward [24].

2 x 10%, which is of the same order as the critical
molecular weight for entanglement formation.
This also appears to be the case for polycarbonate
[24] where extrapolation of the linear relation-
ships of COD and craze stress against molecular
weight result in a value of M, at 6, = 0 and
0. = 0 of about 10%, a value which again is in
the region of M, for polycarbonate [29]. This
seems reasonable since below M, in the absence of
any substantial entanglements, the specimen may
be expected to fail by a decohesion mechanism
without the formation of a craze. Indeed, Pitman
and Ward [24] state that below M, = 1.2 x 10*
for polycarbonate, there was no evidence of craz-
ing on the fracture surface and that even very low
loads caused unstable fracture and that razor
notching was no longer possible.

10. Conclusion

Using the concept of linear elastic fracture mech-
anics, the toughness of PMMA has been deter-
mined from three-point bend tests using pre-
notched specimens. With this value of toughness
and a measured value of the elastic modulus,
which was found to remain almost constant over
the whole molecular weight range, a value for the
critical energy release rate, G, was calculated. A
plot of G, against molecular weight tended to sup-
port a relationship of the form G, (M —M,)?,

10

S | e
y /"‘*slope =1.16
1001(;5 o 41.66 PR .LL.107
MW
Figure 11 Log—iog plot of COD against weight average

molecular weight. Reproduced from Kusy and Turner
[27].

up to a critical value of molecular weight, above
which G, was found to be constant. This relation-
ship is compatible with a model for crack propaga-
tion in which polymer chains may be removed
from the newly formed surface by a pull-out
mechanism up to a critical chain length, above
which scission becomes the preferred mode of
chain failure. This latter proposal is in full agree-
ment with a recently published observation [30]
that significant chain scission occurs during craz-
ing of polystyrene. The molecular weight and the
molecular weight distribution were measured using
GPC, before and after crazing, and it was found
that the higher molecular weight chains underwent
scission in preference to those of lower molecular
weight.

Some evidence has been presented which tends
to suggest that, in PMMA, the COD also increases
linearly with increasing molecular weight up to a
maximum value of molecular weight, above which
it is constant.
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